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Commercial lithium-ion battery cells were cycled to various depths of discharge at various rates while the relative capacities were
periodically measured. After 1000 cycles, lithium cobalt oxide (LiCoO2) cathode material was extracted from the most severely aged
cell. Nanoindentation was performed on individual LiCoO2 particles. Fractures in these particles exhibited anisotropic behavior,
which was confirmed by electron microscopy and diffraction examination indicating both intra- and inter-granular fracture occurred
along {001} planes. Computation of the charge density structure for LiCoO2 indicated that the Li–O bonds along the {001} planes
require the lowest energy for cleavage, supporting the experimental findings. Atom probe tomography (APT) analysis indicated the
nanoscale composition distributions within specimens from both fresh and cycled material. Among the cycled particles, nanoscale
inhomogeneities in the Li content were observed. For APT specimens containing grain boundaries, accumulation of Li (up to 80
at%) on one side of the boundary was observed. Correlation of the electrochemical, mechanical, and compositional results indicates
a combination of these mechanical and chemical mechanisms contributed to the measured capacity fade.
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Batteries are inherently mechanical systems, where large, repeti-
tive strains in electrode materials are common upon cycling and the
corresponding local stresses lead to fracture. Coupling of local chem-
istry and mechanical stresses on the nano- to atomic scale controls
crack tip formation and fracturing that contribute to irreversible loss
of capacity upon cycling. Fracturing is a fundamentally local pro-
cess, dependent on the weakest links, such as stress concentrations
and defects, and is critically influenced by the local environment near
the crack tip. Due to the coupling of potentials, stress fields at crack
tips can drive diffusion to alter the chemical composition in the area
near the crack tip. Conversely, diffusive motion of Li during particle
charging and discharging also generates strain in the local region of
the transformation interface. Interfacial strain, evidence of fracture,
and transformation mechanisms vary widely among Li-ion battery
(LIB) materials.

Intra- and inter-granular fracture, amorphization, and pulveriza-
tion of material have all been observed in LIB systems as a result
of the stresses that arise upon intercalation.1–3 The magnitude of the
mechanical stresses generated upon lithiation is controlled by the di-
rection of transformation propagation,4 width of phase boundaries,4

structural anisotropy,5 and cohesion between adjacent grains3,6–all of
which are determined by the chemistry and material structure at the
atomic and nanoscale. Fracture events can occur even on the first
cycle6 and decrease the life-time of LIBs in two ways: 1) fragmenta-
tion of active particles or decohesion of particles from the electrical
percolation path to the current collector leads to dead material that
can no longer participate in charging,7,8 and 2) even without current
path interruption, fracturing exposes new surfaces to solid electrolyte
interphase layer formation that irreversibly consume Li.9

Model simulations have been used to estimate diffusion-induced
stresses and strains in cathode particles and composite electrodes of
increasingly realistic geometries.8,10 While these models have looked
at anisotropic strains, they have generally lacked the corresponding
anisotropies in the crystal structures and properties. More recent com-
putational modeling has demonstrated a significant effect of crystal
anisotropy on Li diffusion,11 and also, therefore, a stark difference
in the chemically induced strain depending on whether isotropic or
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anisotropic material parameters are used.12 This is supported by strain
microscopy measurements that indicated a crystallographic orienta-
tion dependency for Li intercalation.13,14

LiCoO2 has become a common LIB cathode material following
the discovery of reversible deintercalation of Li.15 Among possible
cathode materials, it has the advantage of a relatively modest volume
change upon cycling.16 Despite this, cells using LiCoO2 are still sub-
ject to capacity fade owing to irreversible changes caused by cycling.

Attempts to directly link chemical and mechanical effects of cy-
cling on LiCoO2 have been limited mainly because experimental input
on the elastic properties and local compositions has been lacking, al-
though recent research has begun to elucidate some of the relevant
phenomena and properties. For instance, transmission electron mi-
croscopy (TEM) imaging of virgin LiCoO2 has indicated preferred
dislocation vectors all occurring on {001} habit planes, suggesting
possible favored pathways for Li diffusion and also potential sites
for crack initiation.17 For cycled LiCoO2 with high defect densities,
some cracking and the conversion from the rhombohedral R3̄m phase
to a cubic spinel (Fd3̄m) structure on the surface of some parti-
cles has been observed.18,19 Nanomechanical measurements of elastic
modulus, hardness, and fracture toughness have been performed on
LiMn2O4

20,21 and multiple orientations of a dense sintered LiCoO2

specimen and suggest orientation-dependent values.22

Here, the nanomechanical behavior of individual LiCoO2 particles
extracted from a previously cycled commercial battery is character-
ized. In particular, the fracture response of these particles was analysed
via scanning electron microscopy (SEM), TEM, and electron diffrac-
tion. Atom probe tomography (APT) analysis was performed to assess
the nanoscale distribution of Li in the cycled particles. Structural and
chemical analyses were compared to the computed charge density
of the structure to more comprehensively understand electrochemical
properties – structure – mechanical properties relationships.

Experimental

The LiCoO2 material examined in this study was extracted from a
commercial 25-mAh pouch cell with a LiCoO2 cathode and a graphite
anode. Upon receipt, all cells were verified for consistent mass
(∼0.7 g), 1-kHz AC impedance (∼870 m�), and shipped voltage
(∼3.81 V). Cycling was performed with a BT2043 potentiostat/
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Table I. Discharge conditions for accelerated cycle aging tests.
Charging for all cases was performed at the 1C rate. The condition
indicated with * corresponds to the most severely aged cell, which
was subjected to additional analyses.

Depth of discharge

Discharge C-rate 10% 30% 100%

1C X
3C X X X*
5C X X

galvanostat (Arbin Instruments, College Station, TX USA). Figure
S1 in the supplemental material shows typical performance of the
cell at various discharge rates to a cut-off voltage of 2.7 V. For each
condition, constant current/constant voltage charging was performed
at a 1C rate to 4.2 V, with a hold at that voltage until current dropped
below C/20.

Seven cells were aged at room temperature under different condi-
tions. One cell was stored at 100% state of charge. Six more cells were
subjected to aging under accelerated cycling with different discharge
conditions, as shown in Table I. All cells were charged using the 1C
constant current/constant voltage protocol mentioned above. For each
discharge cycle, the 10% and 30% depth of discharge (DOD) cells
were discharged from the full charge state by removing a percentage
of nameplate capacity. The 100% DOD cells were discharged at the
specified C-rate to a 2.75 V cut-off. Results of the aging tests are
shown in Figure 1. A total of 1000 cycles were accumulated over 6
months total test duration. A 1C reference test was performed at the
end of each 100 cycles, approximately every 18 days. Of these results,
the cell aged at 3 C discharge, 100% DOD condition suffered the most
severe capacity loss, with 72% of original 1C capacity remaining after
1000 cycles. Note that the 5 C discharge, 100% DOD cell experienced
less capacity loss, presumably due to less coulombic throughput accu-
mulated with each cycle compared to the 3C case due to transport rate
limitations as evidenced in Figure S1. Following an initial break-in
period induced by cycling, all six cycled cells degraded at a similar
rate as the stored cell, suggesting that cyclable Li controlled their
subsequent capacity fade.

Given the different C-rates and DODs of the six cycle aging con-
ditions, certain cells would reach their periodic 1C capacity check
at 100 cycles sooner than others. Those cells then rested for several
days before their next 100 aging cycles were started. During this
storage period, cells would often recover some of their 1C capacity.
Figure 1 shows this apparent recovery of capacity for the 3C, 100%
DOD aged cell, where an additional 1C capacity test was run follow-
ing the storage period. This behavior is indicative of Li redistribution
across very slow transport pathways. Observations of inhomogeneous
Li distribution in LiCoO2 are discussed further in the next section.

Figure 1. Discharge capacity at a 1C rate, 23◦C for aged cells. The 1000
cycles were accumulated over 6 months total test duration. The 1C reference
test was performed after each 100 cycles, approximately every 18 days.

Following 1000 cycles, the most severely aged cell (3C, 100%
DOD) was subjected to additional analyses. The cell was fully dis-
charged at the 1 C rate and then disassembled in an inert atmosphere
glove box. Individual cathode sheets were gently rinsed in dimethyl
carbonate three times and allowed to dry overnight in the glove box.
The charged cathode was transferred to a second glove box, and rinsed
in acetone. Active material from the cathode was scraped from the cur-
rent collector and sonicated in acetone for a few minutes to disperse
particles of binder, carbon, and LiCoO2. The resulting powder was
collected and embedded in a room-temperature cured epoxy mount.
The specimen was then ground and polished using standard ceramo-
graphic techniques down to a final polishing step of 0.25 μm diamond.
Lapping oil with diamond polish paste and non-aqueous rinse solvents
were used to avoid exposure to water. The average particle size was
∼12 μm in diameter.

Nanoindentation was performed with a Hysitron TI-950 nanoin-
denter (Hysitron Corp., Minneapolis, MN USA), equipped with a cube
corner-geometry diamond tip, on particle cross-sections exposed by
polishing. Indentation tests were performed on LiCoO2 particles by
indenting to a preliminary load of 700 μN over 2.5 s, unloading over
2.5 s, and then indenting to a load of 10 mN over a 2.5 s interval,
followed by unloading at the same rate. The sample was examined
using SEM for image acquisition following indentation. Scanning
electron micrographs were collected using an FEI Helios 600i dual
beam focused ion beam (FIB)-SEM instrument (FEI Co., Eindhoven,
the Netherlands) using a 5-kV accelerating voltage. Lift-out sections
for TEM analysis of some of the fractured particles were prepared
using the FIB at 30 kV for initial milling and thinning and 2 kV for
final thinning. It was found that in many cases the fractures propagated
downward through the entire particle, resulting in a loss of stability
of the lift-out section during thinning. Therefore, the lift-out proce-
dure was modified to rotate the lift-out section 90◦ before attaching
to the TEM grid post. Local ion-beam assisted platinum deposition
along what was previously the bottom surface of the section was used
to maintain the mechanical integrity of the section during the sub-
sequent thinning. TEM analysis was performed on a Philips CM200
instrument (Philips, Eindhoven, the Netherlands) at a 200 kV accel-
erating voltage. Selected area diffraction was used for determination
of the crystal phase and orientation.

The charge density analysis was carried out with the BAND2013
package.23–25 This package uses atomic orbital basis sets. Results
shown and discussed employed a polarized triple zeta basis set with-
out frozen cores, and though the geometric features of the charge
density are not particularly sensitive to the choice of density func-
tional, the Vosko, Wilk, and Nusair local density approximation was
employed to the exchange and correlation.26 The Becke fuzzy cells
integration scheme was used for real space numerical integration.27

A quadratic tetrahedron method was used for numerical integration
over the Brillouin zone, which was sampled using a minimum of 16
k points in the irreducible wedge. Tecplot (Tecplot, Inc., Seattle, WA
USA) was then used to find the critical points in the charge density
using a grid spacing of 0.05 angstroms.

Specimens of both fresh and cycled particles that had not been
indented were analysed by APT using a LEAP 4000X Si instrument
(Cameca, Inc., Madison, WI USA). These specimens were prepared
using a standard lift-out procedure28 and were mounted to hardware
that allowed for imaging of the APT specimen in the TEM.29 Laser-
pulsed APT analyses were performed at base temperatures of 35–40
K, pulse frequencies of 625 kHz, and laser energies from 1–100 pJ.
Data were reconstructed in 3-D using IVAS v3.6.6 software (Cameca,
Inc., Madison, WI USA) as well as input from TEM imaging of the
APT specimens pre- and post-analysis.

Results and Discussion

Experimental mechanical analysis.— Nanoindentation data col-
lected from individual LiCoO2 particles uniformly exhibited frequent
displacement jumps, known as pop-ins, during the loading segment
of each test (Figure 2a). SEM micrographs collected after indentation
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Figure 2. (a) Typical load vs. depth curve from nanoindentation of a LiCoO2
particle. (b-d) SEM images of the fracture behavior of particles resulting
from indentation. (b) A crack propagating straight through the particle but
not from a corner of the indentation. (c) A crack initially propagating from
a corner of the indentation, but then switching to a different direction. (d) A
fracture originating in multiple parallel cracks on opposing sides of the residual
indentation (corresponds to data in (a)).

revealed particle fracture originating close to the indentation sites. Ad-
ditionally, fractures sometimes propagated all the way to the edges of
the particles. The prevalence of fracturing precluded the accurate ex-
traction of elastic modulus and hardness data from the nanoindentation
load-displacement data. This behavior occurred in the fresh material
as well; no statistically significant differences in elastic modulus or
hardness between the fresh and cycled material were observed.

Close examination of SEM micrographs following indentation
showed atypical fracture behavior. Although fractures appeared in
close proximity to the residual indentation imprint, indicating that
they were caused by indentation and were not pre-existing, they took
on seemingly random orientations with respect the residual indenta-
tion geometry. The fractures often did not propagate outward from the
locations of highest stress concentration, which are the corners of the
pyramidal indentation geometry. These effects can be seen in the SEM
micrographs in Figure 2. Three main types of cracking behavior were
observed as depicted in Figure 2. In Figure 2b, a crack propagated
straight through the particle but not from a corner of the indentation.
In Figure 2c, the crack initially propagated from a corner of the in-
dentation, but then switched to a different direction. In Figure 2d, the
fracture originated in multiple parallel cracks on opposing sides of the
residual indentation.

Because the cracks either did not originate from the highest stress
concentrations (Figure 2b and Figure 2d) or did not continue along
the initial crack direction (Figure 2c), there is some factor other than
the stress that was impacting fracture propagation. These fracture be-
haviors suggest an orientation-dependent anisotropic response of the
particles and further preclude accurate extraction of fracture toughness
values using established methods.30,31 In order to study the anisotropic
dependency of fracturing in more detail, sections of the fractured parti-
cles just adjacent to the indentation were prepared for TEM analysis,
using in-situ FIB techniques. These were oriented with the surface
crack direction perpendicular to the lift-out section. As described in
the Experimental section, these sections were rotated before being
attached to the TEM grid post so that the integrity of the particle on
both sides of the crack could be maintained.

The bright-field TEM image (Figure 3a) and corresponding se-
lected area diffraction patterns (SADPs) (Figure 3b and Figure 3c)
of a crack of the type depicted in Figure 2b indicate intra-granular
fracture. This is shown by consistent crystal orientation on either side
of the crack, determined through indexing of the SADPs while taking
into account pattern rotation. By tilting to multiple zone axes, phase
identification and SADP indexing were performed. The SADPs in
Figure 3 are consistent with a 〈11̄0〉 zone axis for the rhombohedral

Figure 3. (a) Bright field TEM image of a crack of the type depicted in
Figure 2b. (b) and (c) SADP on either side of the crack. The rotations of the
images and diffraction patterns have been calibrated. In this case, the fracture
is observed to be completely transgranular.
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Figure 4. (a) Bright field TEM images of a crack of the type depicted in
Figure 2d. (b) – (d) SADP from the regions indicated. The rotations of the
images and diffraction patterns have been calibrated. In this case, the fracture
is observed to be both transgranular and intergranular.

R3̄m phase. Together these indicate a {001} fracture plane for this
crack.

Figure 4a shows a bright field TEM image from cracks of the type
depicted in Figure 2d. In this case, the particle was polycrystalline
comprising one larger grain and several smaller grains. The corre-
sponding SADP in Figure 4b – Figure 4d and dark field image in
Figure S2 in the supplemental material confirm the polycrystalline
nature of the particle. As was seen in the SEM images of the par-
ticle, several cracks are apparent. From the diffraction, these were
determined to be a mix of intra- and inter-granular fracture. Again,
the SADPs are all consistent with a 〈11̄0〉 for the rhombohedral R3̄m
phase. As shown in Figure 4a and highlighted in Figure S2, both
the intra- and inter-granular fractures exposed {001} surfaces. What
is also of note is that, in this case, the cracks all terminate at grain
boundaries within the particle.

The SEM analysis in conjunction with TEM analysis indicates not
only an orientational anisotropy in the fracture of LiCoO2 particles,
but moreover provides experimental evidence that the {001} are par-
ticularly weak crystallographic planes. The preference for fracture
along a preferred plane readily explains the crack paths seen in Figure
2. The possibility of fracture toughness anisotropy in LiCoO2 was ex-
plored in Ref. 22, although large scatter in measured values prevented
conclusive identification of direction-dependent properties. It should
be noted, however, that Ref. 22 utilized large-grain, sintered LiCoO2,
as opposed to the particulate LiCoO2 studied here, which may impact
the fracture behavior due to differences in boundary constraints. The
present study provides further evidence of anisotropic fracture behav-
ior in LiCoO2, which is evaluated on the basis of crystallography and
bonding in the next subsection.

Computational mechanical analysis.— The charge density of the
structure was computed to further evaluate these experimental find-
ings. Figure 5 shows the crystal structure of LiCoO2. This structure
can be described as having O atoms located on a distorted FCC lattice
with Co and Li atoms occupying the octahedral holes on alternating
planes, which gives rise to a series of hexagonal layers normal to the
c-axis composed of one atom type, e.g., O, Co, O, Li, etc. The fracture
observed experimentally may occur through separation of either the
O-Co planes or the O-Li planes.

To determine the electronic basis of the cleavage and the spe-
cific bonds broken in this process, the quantum theory of atoms in
molecules (QTAIM)32 and its extensions33–37 were exploited to per-
form a topological and geometric analysis of the charge density. Such
analyses have proven useful when attempting to elucidate the origins
of the deformation38 and fracture39 properties in metallic systems.

Briefly, the quantum theory of atoms in molecules uses the topo-
logical and geometric properties of the charge density (a scalar field

Figure 5. Crystal structure of LiCoO2 (left) shown so as to emphasize its
layered structure. Li, O, and Co atoms are designated with gray, red, and
blue spheres, respectively. A single unit cell is shown on the right. The lines
connecting atoms mark bond paths, i.e., the ridges of maximum charge density
connecting atoms. There are no intra-layer bond paths, indicative of dramatic
bond anisotropy. The polyhedron shown in the lower half of the unit cell (right)
is one of the Li–O bond bundles, i.e., the physical region associated with the
Li–O bond.

represented here as ρ(r)) to describe a molecule or solid’s electronic
structure. Particularly relevant to this discussion is the characteriza-
tion of a bond path as a ridge of electronic charge density extending
from one nucleus to another. A necessary and sufficient condition for
the existence of such a ridge is the presence between the bound atoms
of a saddle point in ρ(r), which has one positive and two negative prin-
cipal curvatures. Because such a point is a necessary and sufficient
condition for a bond path, this critical point is often denoted as a bond
critical point and many properties of the topological connection, such
as its stiffness, can be inferred from the shape of the charge density
around this point.40,41

Figure 5 shows the computed bond paths of LiCoO2. Significantly,
there are only interlayer bond paths. Each O atom is bound to three
metal atoms of one type in the layer above (e.g., Co atoms in Figure 5)
and three of the other type in the layer below (Li atoms). Additionally,
there are three bond paths connecting interlayer O atoms through the
Li-planes. The regions around such second neighbor bonds have been
shown in metallic systems to facilitate charge redistribution during
cleavage and thereby reduce the work of separation.39

A significant bond path property is its charge density modified
directionality, D, a tensor property that controls both the shape and
dynamics of the charge density given by,

D = ρ0

√
ρ⊥⊥
ρ‖ ‖

where ρo is its value of ρ(r) at the bond critical point, ρ⊥⊥ is the
magnitude of the curvature of ρ(r) at a bond critical point perpendicular
to the bond path, while ρ ‖‖ is the curvature of the charge density at the
same point but in the direction parallel to the bond path. This quantity
has been shown to correlate with bond stiffness.35,40–42

Normalizing D to that of the O–Co bond, we find D for O–Li
and O–O to be 0.199 and 0.111, respectively. That is, the bond path
of O–Li bond is one-fifth as stiff as is the O–Co bond path and the
O–O bond path is one-ninth as stiff as the O–Co bond path. These
results indicate that the effective compliance between O–Li layers
is substantially greater than that between O–Co layers. Thus, when
subject to elongation, strain will localize between the planes that are
more compliant, i.e., between the Li–O planes.

Finally, the number of electrons associated with the Li–O bond
bundle was determined (Figure 5). This quantity is equivalent to the
chemical concept of bond order.35 As expected, it is low with each Li–
O bond containing approximately one electron, giving it a bond order
of one-half. This observation suggests that the Li and O surfaces are
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also the lowest energy surfaces, as only minimal work will be required
to rearrange the charge across these planes.

Thus, in agreement with the experimental observations, cleavage is
expected to occur on {001} planes, and of the two possible separation
mechanisms, thermodynamically and kinetically it is expected that
separation occurs between the O and Li layers.

These conclusions are consistent with more detailed density func-
tional theory investigations to explain crystal morphology as a func-
tion of LiCoO2 surface energies. For example, Kramer and Ceder43

found that of the half dozen low index surfaces they investigated, the
Li and O terminating {001} surface had the lowest energy throughout
the range of the chemical potentials considered. Several density func-
tional theory studies, e.g., Kim et al.,44 have concluded that surface
energies are proportional to the number of broken transition metal–O
bonds. Our investigation comes to the same conclusions from a some-
what different perspective, providing confidence in the developing
consensus as to the strength and dynamics of the inter-layer bonds in
LiCoO2.

Experimental chemical analysis.— As shown in Figure 1, some ca-
pacity recovery was observed for the 3C, 100% DOD aged cell where
an additional 1C capacity test was run following the storage period.
This behavior is indicative of Li redistribution across very slow trans-
port pathways. To assess the nanoscale composition of these materials
in the context of likely {001} plane fracture during cycling, APT was
employed. It is one of the few techniques that can quantitatively assess
the local, sub-nm composition of all of the constituent species, includ-
ing Li, in three dimensions. A representative mass spectrum is shown
in Figure S3 in the supplemental material. Prior to APT analyses of the
cycled specimens, analyses of fresh LiCoO2 at different laser energies
were performed, as shown in Figure S4 in the supplemental material.
During the aging experiments on other cells, the fresh cell was left at
∼30% state of charge to minimize aging during storage. The analysis
of the fresh material generated a baseline with which to compare the
compositions measured for the cycled material.

Figure 6 shows the 1-D composition profiles from a fresh LiCoO2

specimen and for two different cycled specimens. The composition in
the fresh specimen (Figure 6a) is seen to be nearly the stoichiometric
LiCoO2 that would be expected. Likewise, one of the specimens from
a cycled particle (Figure 6b) shows a similar profile. However, that of
another cycled specimen (Figure 6c) indicates a deficient Li content.
Thus, the overall measured capacity fade is not caused by a uniform
loss of Li intercalation, but shows variation from particle to particle.

Additionally, when examining APT specimens that had grain
boundaries in them, as identified by TEM, a difference in Li com-
position near the grain boundary was observed. This is shown for two
specimens in Figures 7 and 8. In the specimen shown in Figure 7, a
concentration of up to 35 at% Li was observed near the grain bound-
ary; in the specimen shown in Figure 8, Li concentrations approaching
80 at% were observed. These nanoscale compositional heterogeneities
are indicative of some Li becoming locked up in the structure and being
unable to participate in the charging and discharging processes. These
findings provide experimental support for theoretical anisotropic dif-
fusion pathways for Li in LiCoO2. Orientations that allow for easy
transport of the Li may result in pile-up at a grain boundary where
the adjacent grain has a less mobile relative orientation. Additionally,
disorder at the grain boundaries due to poorly matched orientations of
adjacent grains may result in more blocking boundaries.

Mechano-electro-chemical discussion.— The observed capacity
loss upon cycling shown in Figure 1 may well be due to the fracturing
of particles, creating regions that are physically disconnected from
the rest of the cathode material. The indentation tests and subsequent
electron microscopy imaging and diffraction of the crack regions in-
dicated a strong anisotropy with fracture occurring along the {001}
planes. Computational analysis further supports that the bonding be-
tween Li and O atoms on this plane is particularly weak. Through
the fracture of particles, Li species may become isolated from the
rest of the particle network, no longer participating in charging and

Figure 6. APT 1-D composition profiles from (a) a fresh LiCoO2 specimen,
(b) a cycled LiCoO2 specimen showing a similar composition to a fresh spec-
imen, and (c) a cycled LiCoO2 specimen showing Li depletion.

discharging, leading to capacity loss. As these fractures would happen
at different points in the charge/discharge cycle for different particles,
it would be expected that the Li content of isolated particles would
vary. The APT results provide support for this–they indicate that there
are indeed heterogeneities, with particle-to-particle variability in the
Li content. Some particles from the cycled cell appear to have main-
tained their full capacity as indicated by the composition in Figure 6b,

Figure 7. (a) TEM image of the LiCoO2 APT specimen before APT analy-
sis. (b) APT reconstruction showing 25 at% Li isoconcentration surfaces. For
clarity, only a fraction of the detected O atoms are shown. (c) 1-D compo-
sition profile across the grain boundary from the region indicated in (b). Li
accumulation at the grain boundary is evident up to 35 at%.
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Figure 8. (a) TEM image of the LiCoO2 APT specimen before APT analysis.
(b) APT reconstruction showing 50 at% Li isoconcentration surfaces. For
clarity, only a fraction of the detected O atoms are shown. (c) 1-D composition
profile down the axis and across the grain boundary as indicated by the vertical
arrow in (b). Li accumulation adjacent to this grain boundary up to 80 at% is
demonstrated.

whereas other particles, such as in Figure 6c, exhibited diminished Li
content.

Additionally, the observation that cracks in LiCoO2 terminate at
some grain boundaries in the polycrystalline particle (Figures 4a and
S2) suggests that the {001} plane is structurally weaker than at least
some grain boundary planes. This is significant in that it suggests a
method by which fracture of LiCoO2 may be reduced–by controlling
both the grain size, for which a critical grain size has been previously
suggested and calculated for LiCoO2,6 and the orientation. Regarding
the orientation, it has been shown that the differences in surface en-
ergies for LiCoO2 tend to result in textured growth,45,43 which means
that even in a polycrystalline specimen, the weak cleavage planes are
not randomly distributed. By tailoring the crystal growth such that
{001} planes are randomly distributed or, even better, distributed in
a controlled fashion, such as orthogonally in adjacent grains, fracture
and the corresponding loss of Li intercalation capacity may be mit-
igated. However, the mechanical structure cannot be divorced from
the chemical structure, and transport of Li perpendicular to the {001}
planes has been thought to be a slow process.45

This possible crystallographic dependency of Li transport is fur-
ther supported by the electrochemical and APT data here. Correlating
the electrochemical cycling data and APT analysis strongly suggests
a chemical mechanism for the capacity fade–that some interfaces are
impeding Li transport during cycling. The capacity recovery of cells
during storage indicates that additional Li migration was occurring
during that time. This is indicative of slow diffusion pathways lead-
ing to non-uniform distribution of Li after cycling. Supporting this,
APT results indicated nanoscale heterogeneities in particles contain-
ing grain boundaries. In these specimens, an unexpectedly high Li
content (up to 80 at% in one case) on one side of those boundaries
was observed. It was not clear what the phase of the material in this
Li-enriched region was and the reasons for Li accumulation are also
still unclear at this point. However, it can certainly be envisioned that
crystallographic orientations that allow for easy transport of the Li
may result in Li accumulation at grain boundaries where the adjacent
grain has a less mobile relative orientation.

Because some of the capacity was recovered and some was not,
both the mechanical and chemical mechanisms described above likely

contribute to the capacity fade observed in the electrochemical cycling.
Furthermore, these mechanisms may not be acting in isolation from
each other. The non-uniform distribution created by Li accumulation
may be causing additional stresses leading to fracture and possible
phase changes.

Conclusions

Electrochemical cycling of commercial LIB cells indicated a ca-
pacity fade of up to nearly 30% after 1000 cycles, some of which was
recovered during storage. Nanoindentation of LiCoO2 particles from
the cathode displayed atypical fracture behavior. Three types of frac-
tures were observed:1 cracks propagating through the indentation. but
not from a corner,2 cracks initially propagating from a corner but sub-
sequently switching direction, and3 multiple parallel cracks on either
side of the indentation. Electron microscopy and diffraction analysis
showed that these were a result of both intra- and inter-granular frac-
ture along {001} planes of the rhombohedral R3̄m phase. Supporting
the experimental findings, computation of the charge density for this
phase indicated that the Li–O bonds of the {001} planes are partic-
ularly susceptible to cleavage. Under the appropriate analysis con-
ditions, APT on fresh LiCoO2 provided quantitative nanoscale com-
position measurements consistent with the expected stoichiometry.
Using the same analysis conditions, cycled particles showed particle-
to-particle variation in the Li composition indicating that some parti-
cles likely became disconnected from the rest of the network resulting
in diminished capacity. Additionally, specimens with grain bound-
aries displayed an unexpectedly large accumulation of Li on one side
of the boundary. This, along with observed capacity recovery during
storage, indicates a chemical mechanism by which capacity loss can
occur. It is thought that this may be due to relatively slow diffusion of
Li along some crystallographic directions. The combination of these
analyses indicates that the observed capacity fade was a result of both
mechanical and chemical contributions.
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12. V. Malavé, J. R. Berger, H. Zhu, and R. J. Kee, Electrochimica Acta, 130, 707 (2014).
13. D.-W. Chung, N. Balke, S. V. Kalinin, and R. Edwin Garcı́a, Journal of The Electro-

chemical Society, 158, A1083 (2011).

) unless CC License in place (see abstract).  ecsdl.org/site/terms_use address. Redistribution subject to ECS terms of use (see 138.67.225.210Downloaded on 2015-08-13 to IP 

http://dx.doi.org/10.1063/1.3492617
http://dx.doi.org/10.1016/j.jpowsour.2003.09.034
http://dx.doi.org/10.1016/j.jpowsour.2004.06.059
http://dx.doi.org/10.1038/nmat2230
http://dx.doi.org/10.1002/ijch.201200077
http://dx.doi.org/10.1039/c2ee21874g
http://dx.doi.org/10.1149/1.2759840
http://dx.doi.org/10.1149/1.3298892
http://dx.doi.org/10.1149/2.049210jes
http://dx.doi.org/10.1149/2.049210jes
http://dx.doi.org/10.1016/j.electacta.2012.04.120
http://dx.doi.org/10.1016/j.jpowsour.2012.09.055
http://dx.doi.org/10.1016/j.electacta.2014.03.113
http://dx.doi.org/10.1149/1.3619775
http://dx.doi.org/10.1149/1.3619775
http://ecsdl.org/site/terms_use


Journal of The Electrochemical Society, 161 (11) F3039-F3045 (2014) F3045

14. N. Balke, E. A. Eliseev, S. Jesse, S. Kalnaus, C. Daniel, N. J. Dudney,
A. N. Morozovska, and S. V. Kalinin, Journal of Applied Physics, 112 (2012).

15. K. Mizushima, P. C. Jones, P. J. Wiseman, and J. B. Goodenough, Materials Research
Bulletin, 15, 783 (1980).

16. J. N. Reimers and J. R. Dahn, Journal of The Electrochemical Society, 139, 2091
(1992).

17. H. Gabrisch, R. Yazami, and B. Fultz, Electrochemical and Solid-State Letters, 5,
A111 (2002).

18. H. Wang, Y. I. Jang, B. Huang, D. R. Sadoway, and Y. M. Chiang, Journal of The
Electrochemical Society, 146, 473 (1999).

19. H. Gabrisch, R. Yazami, and B. Fultz, Journal of Power Sources, 119–121, 674
(2003).

20. J. Zhu, K. Zeng, and L. Lu, Electrochimica Acta, 68, 52 (2012).
21. H.-Y. Amanieu, D. Rosato, M. Sebastiani, F. Massimi, and D. C. Lupascu, Materials

Science and Engineering: A, 593, 92 (2014).
22. M. Qu, W. H. Woodford, J. M. Maloney, W. C. Carter, Y.-M. Chiang, and

K. J. Van Vliet, Advanced Energy Materials, 2, 940 (2012).
23. G. te Velde and E. J. Baerends, Physical Review B, 44, 7888 (1991).
24. G. Wiesenekker and E. J. Baerends, Journal of Physics: Condensed Matter, 3, 6721

(1991).
25. SCM, BAND2012, in Theoretical Chemistry, Vrije Universiteit, Amsterdam, The

Netherlands.
26. S. H. Vosko, L. Wilk, and M. Nusair, Canadian Journal of Physics, 58, 1200

(1980).
27. M. Franchini, P. H. T. Philipsen, and L. Visscher, Journal of Computational Chem-

istry, 34, 1819 (2013).

28. K. Thompson, D. Lawrence, D. J. Larson, J. D. Olson, T. F. Kelly, and B. Gorman,
Ultramicroscopy, 107, 131 (2007).

29. B. P. Gorman, D. R. Diercks, N. Salmon, E. Stach, G. Amador, and C. Hartfield,
Microscopy Today, 16, 42 (2008).

30. G. M. Pharr, D. S. Harding, and W. C. Oliver, in Mechanical Properties and De-
formation Behavior of Materials Having Ultra-Fine Microstructures, M. Nastasi,
D. Parkin, and H. Gleiter Editors, p. 449, Springer Netherlands (1993).

31. M. T. Laugier, Journal of Materials Science Letters, 6, 355 (1987).
32. R. F. W. Bader, Atoms in Molecules: A Quantum Theory, Clarendon Press, Oxford,

UK (1990).
33. M. Eberhart, Philosophical Magazine Part B, 81, 721 (2001).
34. T. E. Jones and M. E. Eberhart, The Journal of Chemical Physics, 130, 204108 (2009).
35. T. E. Jones and M. E. Eberhart, International Journal of Quantum Chemistry, 110,

1500 (2010).
36. T. E. Jones, The Journal of Physical Chemistry A, 116, 4233 (2012).
37. M. Eberhart and T. Jones, in Foundations of Chemistry, p. 1 (2012).
38. T. E. Jones, M. E. Eberhart, D. P. Clougherty, and C. Woodward, Physical Review

Letters, 101, 085505 (2008).
39. T. E. Jones, M. E. Eberhart, S. Imlay, C. Mackey, and G. B. Olson, Physical Review

Letters, 109, 125506 (2012).
40. P. W. Ayers and S. Jenkins, The Journal of Chemical Physics, 130, 154104 (2009).
41. M. E. Eberhart, Acta Materialia, 44, 2495 (1996).
42. M. Eberhart, Physical Review Letters, 87, 205503 (2001).
43. D. Kramer and G. Ceder, Chemistry of Materials, 21, 3799 (2009).
44. Y. Kim, H. Lee, and S. Kang, Journal of Materials Chemistry, 22, 12874 (2012).
45. F. X. Hart and J. B. Bates, Journal of Applied Physics, 83, 7560 (1998).

) unless CC License in place (see abstract).  ecsdl.org/site/terms_use address. Redistribution subject to ECS terms of use (see 138.67.225.210Downloaded on 2015-08-13 to IP 

http://dx.doi.org/10.1063/1.4746085
http://dx.doi.org/10.1016/0025-5408(80)90012-4
http://dx.doi.org/10.1016/0025-5408(80)90012-4
http://dx.doi.org/10.1149/1.2221184
http://dx.doi.org/10.1149/1.1472257
http://dx.doi.org/10.1149/1.1391631
http://dx.doi.org/10.1149/1.1391631
http://dx.doi.org/10.1016/S0378-7753(03)00234-9
http://dx.doi.org/10.1016/j.electacta.2012.02.032
http://dx.doi.org/10.1016/j.msea.2013.11.044
http://dx.doi.org/10.1016/j.msea.2013.11.044
http://dx.doi.org/10.1002/aenm.201200107
http://dx.doi.org/10.1103/PhysRevB.44.7888
http://dx.doi.org/10.1088/0953-8984/3/35/005
http://dx.doi.org/10.1139/p80-159
http://dx.doi.org/10.1002/jcc.23323
http://dx.doi.org/10.1002/jcc.23323
http://dx.doi.org/10.1016/j.ultramic.2006.06.008
http://dx.doi.org/10.1007/BF01729352
http://dx.doi.org/10.1080/13642810108216538
http://dx.doi.org/10.1063/1.3139113
http://dx.doi.org/10.1002/qua.22270
http://dx.doi.org/10.1021/jp302087n
http://dx.doi.org/10.1103/PhysRevLett.101.085505
http://dx.doi.org/10.1103/PhysRevLett.101.085505
http://dx.doi.org/10.1103/PhysRevLett.109.125506
http://dx.doi.org/10.1103/PhysRevLett.109.125506
http://dx.doi.org/10.1063/1.3098140
http://dx.doi.org/10.1016/1359-6454(95)00347-9
http://dx.doi.org/10.1103/PhysRevLett.87.205503
http://dx.doi.org/10.1021/cm9008943
http://dx.doi.org/10.1039/c2jm31145c
http://dx.doi.org/10.1063/1.367521
http://ecsdl.org/site/terms_use

